Introduction
Recently, the microstructures and mechanical properties of a series of two-phase quaternary FeNiMnAl alloys with elemental compositions ranging from 15 to 35 at.% have been studied [1] [2] [3] [4] [5] [6] [7] [8] [9] [10] [11] [12] . Alloys near the equi-atomic composition show aligned two-phase nanostructures consisting of either (Fe, Mn)-enriched b.c.c. and (Ni, Al)-enriched B2 phases or (Fe, Mn)-enriched B2 (ordered b.c.c.) and (Ni, Al)-enriched L2 1 or Heusler (a further ordering of the B2 structure) phases, which exist in a cube-on-cube orientation relationship [12] . In contrast, alloys with much lower aluminum contents (B15 at.%) exhibit a coarser (approximately micron scale) lamellar microstructure consisting of (Fe, Mn)-rich f.c.c. and (Ni, Al)-rich B2 lamellae [8] . Interestingly, at intermediate compositions between these two sets of alloys, alloys such as Fe 30 Ni 20 Mn 30 Al 20 and Fe 25 Ni 25 Mn 30 Al 20 (all compositions in at.%) with as-cast microstructures that look similar to the equi-atomic alloys, although a little coarser, exist which consist of aligned f.c.c. and B2 phases. For the latter alloys, the B2 phases were rich in Ni and Al and the f.c.c. phases were rich in Fe and Mn with phase widths of 65-85 nm [2] . In addition, a 50-100 nm wide f.c.c. phase was present along all the grain boundaries and a few very small *5 nm f.c.c. precipitates with the same composition as the matrix f.c.c. were present in the B2 phase. The two as-cast alloys Fe 30 Ni 20 Mn 30 Al 20 and Fe 25 Ni 25 Mn 30 Al 20 had high hardness values of 454 and 413 HV, respectively, which were significantly larger than that (310 HV) of a lamellar-structured B2/f.c.c. alloy in the system, Fe 30 Ni 20 Mn 35 Al 15 [5] .
In this paper, we present the mechanical properties of an alloy Fe 28 Ni 18 Mn 33 Al 21 with similar composition and microstructure to Fe 30 Ni 20 Mn 30 Al 20 and Fe 25 Ni 25 Mn 30 Al 20 , and show how the microstructure changes and the mechanical properties can be improved upon annealing. The overall aim of the work is to develop an oxidationresistant alloy for intermediate temperature applications (873-1073 K).
Experimental
Convex lens-shaped ingots of *60 g with nominal atomic composition of Fe 28 Ni 18 Mn 33 Al 21 were produced by arc melting 99.97 % Fe, 99.95 % Ni, 99.9 % Mn, and 99.9 % Al pieces under an argon atmosphere. An additional 5 wt% of Mn was added to each since this element is often lost during melting due to its high vapor pressure. The ingots were turned over and re-melted twice to ensure mixing. After melting the ingots were allowed to cool in the watercooled copper crucible of the arc melter. Given that the ingots were small, the cooling rate, though unmeasured, was likely to be relatively rapid (*10 K s -1 ). The ingots had grain sizes of *50 lm and appeared to be isotropic. The compositions of the ingots were measured (five measurements for each alloy) using a JEOL 8500F electron probe microanalyzer to be Fe 27.5 Ni 18.5 Mn 33.1 Al 20.9 , which was close to the target nominal composition.
A Netzsch 404C differential scanning calorimeter was used for thermal analysis. Small specimens of *50 mg were placed in an alumina crucible before putting into the furnace. All tests were run at a ramping rate of 20 K/min and under an argon environment to keep the specimens from oxidizing.
The as-cast material was heat treated at a variety of temperatures from 908-1423 K and for a variety of times up to 100 h, followed by quenching in water, cooling in air or cooling in a furnace.
X-ray diffraction (XRD) was performed on the alloys, both before and after heat treatment, using a Rigaku D/Max 2000 diffractometer with CuKa radiation operated at 40 kV and 300 mA. Specimens were polished to a mirror finish. Measurements were performed by step scanning 2h from 20°to 120°with a 0.02°step size. A count time of 1 s per step was used, giving a total scan time of *1.5 h.
The microstructures were examined, after mechanical polishing and light etching with 4 % nitric acid in methanol for *2 s, using secondary electron (SE) imaging on a FEI XL30 field emission gun (FEG) scanning electron microscope (SEM).
After some heat treatments, thin foils were examined using an FEI Tecnai F20 field emission gun (FEG) transmission electron microscope (TEM) operated at 200 kV equipped with energy dispersive X-ray spectroscopy (EDS). To produce the thin foils, 3-mm-diameter disks were cut by electro-discharge machining, ground to *150-lm thickness and twin-jet electropolished in an electrolyte of 20 % nitric acid, 10 % butoxyethanol, and 70 % methanol using a Streurs Tenupol 5 at a voltage of *11 V with a current of *100 mA at *253 K. After electropolishing, specimens were washed alternately in ethanol and methanol for three cycles followed by a final rinse in fresh methanol.
After various heat treatments, hardness tests were performed using a TIME TH-713 Microhardness Tester with a load of 200 g (1.96 N) and a dwell time of 15 s.
Dog-bone-shaped tensile test specimens with a gauge length of 10 mm, width of 2.54 mm, and thickness of *1.27 mm were cut from the ingots with the long dimension of the specimen perpendicular to the thin dimension of the ingots. The specimens were polished using silicon carbide papers and finished with 0.3 lm alumina powder to remove any surface cracks. Roomtemperature tensile tests were performed under displacement rate control at constant displacement rate of 0.005 mm s -1 , corresponding to an initial strain rate of 5 9 10 24 s 21 on specimens after each anneal (three tests per annealing condition). The strain was determined during loading from the crosshead displacement; the gauge length was measured before and after tensile testing using an optical microscope to determine the elongation to fracture. The fracture surfaces after the tensile tests were examined in the SEM.
Results
As [2] , there is a grain boundary phase of width *50-100 nm that previous work has shown is f.c.c. [2] , which has a composition close to that of the matrix f.c.c. phase [25] , see -4 s -1 at room temperature on specimens annealed at 573 K for 2 h to reduce any as-cast residual stress showed brittle fracture by transgranular cleavage, see Fig. 1c , without any evidence of yielding at stresses as low as 240 MPa.
Thermal stability
The thermal stability of the alloy was examined by preforming DSC measurements. DSC curves of the as-cast Fe 28 Ni 18 Mn 33 Al 21 from two scans are shown in Fig. 2a and the difference curve between these two runs is shown in Fig. 2b . An exothermic peak is present at *900 K, followed by endothermic peaks around 1100 K (possibly related to the disordering of the B2 phase [8] ) and 1300 K. The broad endothermic peak at *1550 K is due to melting.
In order to determine the origin of these peaks and to determine the effects of annealing on the microstructure and mechanical properties, anneals were performed at a variety of temperatures. The phases present, the hardness, the yield strength or strength at fracture, and elongation to failure are listed for all the annealing conditions in Table 2 .
K anneal
The microstructures of Fe 28 Ni 18 Mn 33 Al 21 after annealing at 908 K for 1 h followed by either quenching into water or cooling in a furnace were examined. Both heat treatments produced little change in phase width: the aligned microstructure is still clearly evident, as is the grain boundary phase, see Figure 4d is a BF TEM image and Fig. 4e is the corresponding SAD pattern showing a b-Mn particle within the B2 phase and corresponding b-Mn and B2 phase diffraction spots after annealing at 908 K for 1 h followed by furnace cooling. In all cases, the b-Mn forms within the B2 phase.
Fe 28 Ni 18 Mn 33 Al 21 was annealed at 1073 K for either 1 or 20 h followed by cooling in air. In both cases, the fine While it is evident that the 1073 K anneal led to precipitation of b-Mn, the hardness is only *441 and *344 HV for the 1 and 20 h annealed samples at 1073 K, respectively, i.e., much lower than that of 908 K annealed specimens. This is probably because of the much larger phase widths of the B2 and f.c.c. matrix.
Tensile tests were performed after both anneals, and while the specimen annealed for 1 h fractured before any sign of yielding at *425 MPa, the specimen annealed for 20 h showed a yield strength of 753 MPa and an elongation of *1.5 % (measured from the specimen), see Fig. 6 . Thus, interestingly the presence of the b-Mn-structured precipitates is not wholly detrimental to the ductility, a point that we will return to later.
The SE image in Fig. 7a of the microstructure of Fe 28 Ni 18 Mn 33 Al 21 annealed at 1173 K for 20 h followed by quenching into water shows that the fine aligned microstructure of the as-cast state had been replaced by a coarse lamellar structure with phase widths for both phases of *950 nm. There is still evidence of an f.c.c. grain boundary phase.
EDS data for the individual phases after annealing at 1173 K for 20 h, obtained from thin foils in the TEM, are shown in Table 1 . As for the as-cast material, the B2 phase was rich in Ni and Al, while the f.c.c. phase was rich in Fe and Mn, with the grain boundary phase having a composition similar to that of the matrix f.c.c. phase. After this anneal, the B2 phase contains more Fe and Mn, and less Ni and Al than the as-cast material.
XRD patterns of Fe 28 Ni 18 Mn 33 Al 21 after annealing at 1173 K for 1 h followed by quenching into water and for 20 h followed by cooling in air are shown in Fig. 7b . Interestingly, both of patterns show peaks only from B2 and f.c.c. phases, i.e., no b-Mn peaks were found after 21 annealed at 1173 K for 20 h followed by annealing at 908 K for either 1 or 100 h. Both anneals produce lamellarlike structures with f.c.c. phase widths of *1000 nm, which is similar to the phase width (950 nm) seen after only a 20-h anneal at 1173 K. However, precipitates (arrowed) were found in the B2 phase of the specimens annealed at 908 K for 100 h, see Fig. 8c, d .
XRD patterns of the double-annealed specimens are shown in Fig. 8e . While the specimen annealed at 1173 K for 20 h followed by annealing at 908 K for 1 h shows peaks from B2 and f.c.c. phases only, strong b-Mn peaks are present in specimens annealed at 908 K for 100 h and weak b-Mn peaks are also evident after annealing at 1173 K for 20 h and then 908 K for 20 h.
The hardness values of the specimens annealed at 1173 K for 20 h followed by annealing at 908 K for either 1 or 100 h were 279 and 358 HV, respectively. The hardness of the specimen given the 1173 K for 20 h followed by the 1-h anneal at 908 K is very similar to that measured after a 20-h anneal at 1173 K, see Table 2 . This is unsurprising since the phase widths are very similar and there is no b-Mn precipitation. The hardness after the 100-h anneal at 908 K is presumably greater because of the significant amount of b-Mn precipitates, see Table 2 .
Room-temperature tensile tests were performed on Fe 28 Ni 18 Mn 33 Al 21 annealed at 1173 K for 20 h followed by annealing at 908 K for either 1 or 100 h (the latter anneal was used to increase the amount of b-Mn precipitates). Specimens annealed at 908 K for 1 h showed an elongation of 8.4 %, while those annealed at 908 K for 100 h were brittle and failed before any sign of yielding, see Fig. 6 . The yield stress and UTS of specimens annealed at 908 K for 1 h are 593 and 966 MPa, respectively. Fracture surfaces with some ductile tearing were observed for specimens annealed at 908 K for 1 h, while brittle transgranular fracture mode was observed for specimens annealed at 908 K for 100 h, see Fig. 8f , g. The brittle behavior after the 100-h anneal might be expected considering the large amount of b-Mn precipitates in the specimens annealed at 908 K for 100 h evident from both the SE images and the XRD patterns. 

SE images of Fe 28 Ni 18 Mn 33 Al 21 either annealed at 1423 K for 1 h followed by cooling in a furnace or annealed at 1423 K for 20 h followed by cooling in air are shown in Fig. 10a , b. The furnace cool led to a very coarse lamellar microstructure, while the quenched samples had a similar microstructure to the as-cast material. The width of f.c.c. phase in the furnace-cooled material is *1150 nm. XRD patterns from air-cooled specimens show only B2 and f.c.c. phases, i.e., no b-Mn-structured precipitates were found. However, b-Mn peaks were identified for furnace-cooled specimens, see Fig. 10c . Figure 10d shows a higher magnification SE image after annealing at 1423 K for 1 h followed by cooling in a furnace again showing that b-Mn precipitates are present in the B2 phase. The high temperature annealing, as 1423 K, did not lead to b-Mn precipitation. The b-Mn precipitates in the furnace-cooled specimens were presumably produced at lower temperature during cooling. As shown earlier, the temperature at which b-Mn precipitates is \1173 K. Room-temperature tensile tests were performed on both the furnace-cooled and the air-cooled specimens. The aircooled specimens were found to be brittle and failed before any sign of yielding. This is the same as the as-cast Fe 28 Ni 18 Mn 33 Al 21 . The fracture surface of the air-cooled specimen showed brittle transgranular fracture, which is also the same as that of as-cast Fe 28 Ni 18 Mn 33 Al 21 . The elongation to fracture of furnace-cooled specimens was Fig. 3 21 annealed at 908 K for 1 h followed by either quenching into water or cooling in a furnace, showing B2, f.c.c., and b-Mn peaks *6.1 %, with a yield stress of 507 MPa, see Fig. 6 . Again, this shows that the b-Mn precipitate do not produce brittle fracture if the f.c.c./B2 matrix is coarser and, hence, softer.
That hard brittle precipitates do not necessarily lead to brittle fracture has been noted previously in other alloys systems. For example, after annealing for 1325 h at 1073 K, the grain boundaries in the alumina-forming stainless steel Fe-20Cr-30Ni-2Nb-5Al were almost completely covered in brittle NiAl and Laves phase precipitates, but 19 % elongation could still be obtained at room temperature [24] .
K anneal and 1423 K anneal
Fe 28 Ni 18 Mn 33 Al 21 was annealed at 1173 K for 250 h first to produce the coarsened lamellar-like structure shown earlier, and then annealed at 1423 K for 3 h followed by air cooling. The microstructure after this heat treatment is shown in Fig. 11 . This again shows that the material returns to the aligned two-phase microstructure with a clear grain boundary phase.
Discussion Phase transformations and lamellar coarsening
We discuss first the origin of the fine as-cast two-phase microstructure. Air cooling following either a simple anneal of the as-cast Fe 28 Ni 18 Mn 33 Al 21 at 1423 K (Fig. 10b) or after coarsening the as-cast microstructure at elevated temperature followed by annealing at 1423 K (Fig. 11) produces a microstructure identical to the as-cast microstructure (Fig. 1) . Thus, although little is know about the quaternary Fe-Ni-Mn-Al phase diagram, it is evident that there is a single-phase region at elevated temperature at the Fe 28 Ni 18 Mn 33 Al 21 composition and that the aligned two-phase microstructure is formed by a eutectoid transformation corresponding to the peak at 1300 K in Fig. 2 . Annealing the as-cast Fe 28 Ni 18 Mn 33 Al 21 at temperatures C1073 K leads to coarsening of the as-cast two-phase B2/ f.c.c. microstructure (Figs. 4, 7, 8, 9, 10) , and at 21 annealed at 1173 K for 20 h, followed by annealing at 908 K for f 1 h and g 100 h temperatures C1173 K annealing also produces some changes in chemistry of the f.c.c. and B2 phases (see Table 1 ), but not to the formation of any other phases. The grain boundary phase remains evident after annealing at all temperatures. In contrast, annealing at temperatures B1073 K produces b-Mn-structured precipitates within the B2 phase (Figs. 4, 5, 8, 10 ). b-Mn has complex cubic structure with 20 atoms per body-centered unit cell [13, 14] . Loudis et al. [9] noted that upon annealing at 828 K, spherical precipitates with the a-Mn crystal structure and more elongated precipitates with the b-Mn crystal structure were formed in spinodal alloy Fe 30 Ni 20 Mn 25 Al 25 . Both precipitates existed simultaneously after annealing at 828 K for up to at least 99 h [9] . Neither a-nor b-Mn formed preferentially at or near areas containing the f.c.c. grain boundary phase of Fe 30 Ni 20 Mn 25 Al 25 , rather they were typically well distributed within the spinodal matrix [9] . Liu and Wu [16] found that b-Mn phase began to appear within the ferrite matrix but not within the austenite phase and was the only precipitate that formed upon aging the alloy Fe-9.1Al-29.9Mn-2.9Cr at 833 K, although a-and b-Mn precipitates were observed simultaneously upon aging at 813 K. In addition, both a-and b-Mn precipitated simultaneously following the precipitation of a DO 3 phase upon aging at 798 K [16] . Figs. 3, 8 ), but b-Mn precipitation still occurred within the B2 phase during subsequent lowtemperature anneals. Similar observations have been made by others in different alloys systems. It was suggested by Lorimer et al. [17] that the Guinier-Preston (GP) zones [18, 19] , formed during quenching or pre-aging, act as nuclei for precipitation. 428 K was a critical temperature in the Al-Zn-Mg system studied: below this temperature, nuclei were able to form easily and subsequently produce a fine dispersion of precipitates, while above this temperature forming nuclei was extremely difficult [17] . Embury et al. [20] reported that for the alloy Al-5.9Zn-2.9Mg (in wt%) first quenched from high temperature (783 K) and then aged at a lowtemperature (373 K), precipitation occurred after aging at low temperature for over 3 h. They suggested that the precipitates might nucleate on stacking faults formed by the collapse of vacancy disks [20] . Later, Sato et al. [21] examined the formation mechanism of GP zones by electrical resistivity and X-ray small-angle scattering measurements and determined the temperature range in which GP zones could be produced. They defined the highest temperature of the range as the temperature limit for GP zone formation, T limit , and suggested that T limit was the only way to explain the metastable miscibility gaps in alloy systems [21] . Inoue et al. [22] showed that T limit for GP zone formation in Al-5Zn-2Mg (in at.%) alloy was 398 K and GP zones formed immediately after the alloy was brought to temperature below T limit . It was found that when Al-5Zn-2Mg alloy was directly quenched to temperatures between 398 and 418 K and aged at this temperature, hardening occurred after an incubation period. Needle-like g 0 phase nucleated homogeneously without help from nuclei in this condition [22] . Subsequently, Dorward [23] used a schematic phase diagram to explain the dependence of the critical temperature T c (the same as T limit noted earlier) and precipitation on composition. Thus, the delay of the b-Mn precipitation at 908 K by annealing at 1173 K first appears to be in line with these earlier studies and may be related to the changes in chemistry of the f.c.c. and B2 phases after high-temperature anneals.
Mechanical properties
The as-cast nanostructured two-phase Fe 28 Ni 18 [3, 4, 15] . Annealing at 908 K produces little change in scale of the f.c.c./B2 matrix, but leads to the production of b-Mnstructured precipitates. The presence of the b-Mn-structured precipitates is clearly the reason for the large increase in hardness and is presumably related to the exothermic trough in the DSC curve at *900 K. The higher hardness of the furnace-cooled specimen compared to the quenched specimen after the 908 K anneal is presumably related to continued precipitation of the b-Mn precipitates during the slow furnace cool.
Annealing at 1073 K also produces b-Mn-structured precipitates, but in a f.c.c./B2 matrix that has coarsened 21 annealed at 1423 K for 1 h followed by cooling in a furnace, and annealed at 1423 K for 20 h followed by cooling in air, and d higher magnification SE image after annealing at 1423 K for 1 h followed by cooling in a furnace showing b-Mn precipitates in the B2 phase compared to the 50 nm of the as-cast state. After the anneal of only 1 h at 1073 K, the hardness changes little compared to the as-cast state (441 vs 467 HV). This is likely because the reduction in strength due to the coarsening of the f.c.c./ B2 phases to 300 nm is offset by an increase in strength due to the b-Mn precipitation. The longer 20-h anneal at 1073 K produces further coarsening of the f.c.c./B2 phases to 500 nm, and a clear decrease in hardness to 344 HV. In this case, the reduction in strength due to the coarsening of the f.c.c./B2 phases is greater than the increase in strength from the b-Mn precipitation. Interestingly, an elongation of 1.5 % was obtained even though the brittle b-Mn precipitates were present. Annealing for 20 h at 1173 K followed by 100 h at 908 K produced f.c.c./B2 phase widths of *1 lm and to b-Mn precipitation, which produced a similar hardness to the 20-h anneal at 1073 K (see Table 1 ), but in this case fracture before yield occurred in tensile tests. Finally, the 1-h anneal at 1423 K followed by a furnace cool produced a f.c.c./B2 phase widths of 1.2 lm and to b-Mn precipitation. The coarse microstructure of the f.c.c./B2 phases produced a lower hardness (273 HV) and yield strength (507 MPa), but *6 % elongation was obtained.
Summarizing these observations, it is evident that the presence of b-Mn precipitates makes the fine, brittle B2/ f.c.c. microstructures even more brittle but much harder, but significant ductility is possible even with b-Mn precipitates present if the B2/f.c.c. matrix is coarse and more ductile. For example, compare the effects of the 20-h anneal at 1173 K followed be an air cool with that of the 1-h anneal at 1423 K followed by a furnace cool. The f.c.c./ B2 phase widths are in the range 1-1.2 lm, while the latter heat treatment produces b-Mn precipitates. However, the yield strengths and elongations to failure are very similar (see Table 1 ). The b-Mn precipitates do not affect the yield strength since they reside in the B2 phase, whereas yielding occurs in the softer f.c.c.
1 Similarly, the b-Mn precipitates do not affect the ductility since plastic flow occurs only in the f.c.c. phase. Whether the alloy is ductile or not depends on the coarseness of the f.c.c./B2 matrix. Surprisingly, the presence of the f.c.c. grain boundary phase does not appear to influence this.
Conclusions
The microstructure and room-temperature mechanical properties of as-cast, aligned lamellar-structured f. 
